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ABSTRACT

The main subject of this study is to investigate the correlations between the evolution of mechanical behavior
and the multiscale microstructure of 316 L stainless steel obtained by laser powder bed fusion process (LPBF)
after various post-manufacturing heat treatments across a wide temperature range. The microstructure of 316 L
LPBF parts exhibits a hierarchical microstructure based on unique grain structures, chemical segregations,
dislocation arrangements at the microscopic scale and fine nano-oxides at the nanoscopic scale. These micro-
structural elements play a crucial role in determining the material's mechanical and corrosion properties, To
understand how different microstructural features contribute to the material's behavior, the researchers conduct
post-manufacturing heat treatments to isolate and study these components. The results show that dislocation
and/or micro-segregation networks significantly influence the high tensile properties of 316 L LPBEF steel in its as-
built state and after heat treatments above 900°C, Despite their disappearance during heat treatments, the
material maintains high tensile strength due to an increase in strain-hardening capabilities. The study also ex-
amines the impact of nano-oxides and the o phase on the material's properties. The contribution of nano-oxides to
vield strength diminishes with increasing temperature, Interestingly, the o phase does not necessarily lead o a
detrimental effect on failure elongation for 316 L LPBF steel. Overall, this research provides insights into the
relationship between microstructure and mechanical properties for additively manufactured stainless steel. By
understanding these relationships, it becomes possible to tailor the microstructure to achieve desired mechanical
properties for specific applications and extend the use of 316 L LPBF to higher temperatures compared to con-
ventional methods.

1. Introduction

their AM counterparts differ in many aspects such as surface finish, re-
sidual stresses and microstructure. As a result, they have different me-

Stainless steels have good mechanical strength and corrosion
behavior, notably compared to their relatively low cost. For these rea-
sons they have been widely used for many years, especially in agri-food
[1] and nuclear industries [2]. With the recent rise of additive
manufacturing (AM) processes, there is renewed interest in these ma-
terials. The opportunities raised by AM processes are very numerous:
topological optimization, lattices structures, microstructure tailoring,
etc. As a result of these new possibilities, stainless steels are processed by
AM in order to repair existing pieces, to create new complex geometries
or to reduce the waste of raw materials in machining operations [2].
However, even though wrought stainless-steel alloys are well known,
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chanical and chemical properties. For instance, Racot et al. [4] have
shown that the breakdown potential in 4 mol.l-1 of NaCl at 50°C is
approximately 0.6 V for 316 L laser powder bed fusion (LPBF) compared
to 0.1 V for conventional 316 L. Furthermore, Bahl et al. [5] showed that
mechanical properties, and more specifically, the yield strength and the
elongation at rupture are often much higher for AM 316 L than for
conventional 316 L. These high mechanical and corrosion properties are
due to the particular microstructure of 316 L LPBF parts. Thanks to AM
processes, new grain structures, which were not accessible with con-
ventional processes, can be achieved: Highly textured materials [6],
specimens with tortuous grains [5] or crystallographic lamellar



microstructures [7]. In addition, at the microscopic scale, 316 L 1.PRF is
composed of fine nano-oxides, chemical segregations, and dislocation
arrangements in the as-built (AB) state [8]. This multiscale micro-
structure plays a key role in mechanical behavior [9,10] and corrosion
properties [11]. Moreover, it can be controlled with AM parameters [12]
or by using heat treatments [12]. The multiscale control of the micro-
structure is an opportunity to select microstructural features in relation
with the intended properties. However, especially for mechanical
properties, contributions of each microstructural features to the
macroscopic properties have to be estimated. This is of the aim of this
paper.

To study this, post-manufacturing heat treatments (PMHT) are key
means for isolating microstructural components and understand their
strengthening effect. Riabov et al. used PMHT to demonstrate the
strengthening effect of the dislocation cells resulting from the LPBF
process [14], However, only three different PMHT temperatures were
studied, rendering the analysis of the evolution of mechanical properties
insufficient, Moreover, in most studies the evolution of micro-
segregation and dislocation cells is not covered separately, involving a
very large temperature range of cell disappearance (See Table 1in [13]).
This paper will help to clarify and understand these discrepancies by
separating the micro-segregation cells and the dislocation cells
evolutions.

On the other hand, Chao et al. studied in greater detail the effect of
PMHT on mechanical properties [15]. This study underlines the pre-
cipitation of embrittling sigma phase at grain boundaries for PMHT at
800°C for 2 h. Conversely, Voisin et al. [12], Sprouster et al. [11] and Lei
et al. [16] failed to identify this type of precipitation or drop in elon-
gation at rupture. Moreover, Kurzynowski et al. [17] found sigma phase
after PMHT without noticing significant reduction in elongation at
rupture. Consequently, the precipitation of sigma phase and its effect on
mechanical properties need to be investigated in order to clarify these
discrepancies.

At a finner scale, nano-oxides are dispersed in LPBF stainless steels
[18 20). A new interest for this microstructural feature has recently
emerged with the idea to build net-shaped oxide dispersion strength-
ened (ODS) alloys with the LPBF process. Indeed, some authors argue
that nano-oxides help to strengthen the 316 L [10,18,19], as for ODS
steels [21], although Wang et al. [2] have estimated their contribution
to be negligible. Such contrary results would be explained as the nano-
oxides strengthening effect is highly dependent of their size [21].
Moreover, their size distribution also significantly modify corrosion
resistance [22,23] and impact toughness [20,24]. It has been already
demonstrated that nano-oxides size is sensitive to PMHT [20]. However,
work is needed to correlate the nano-oxides coarsening to their
strengthening contribution after different PMHTSs.

Consequently, this paper proposes to correlate the evolution of me-
chanical behavior with the multiscale microstructure after numerous
PMHTs over a wide temperature range (500°C-1200°C). This work is
necessary to be able, in the future, to tailor the microstructure of 316 L
LPBF to achieve the mechanical properties targeted for specific appli-
cations. In addition, this work is motivated by the objective of extending
the use of 316 L LPBF to higher temperatures than for conventional
counterparts.

Table 1

2. Materials and methods
2.1. Powders and sample building

Samples were fabricated on an SLM125HL machine with powders
provided by Hoganas with the composition detailed in Table 1. Fig. 1
illustrates the good sphericity of this powder (necessary property in
LPBF) with granulometry in line with the recommendations of the ma-
chine supplier (15-45 pm powders).

Cylinders with a height of 96 mm and a diameter of 13 mm were
manufactured under argon flux, with a pre-heating of the baseplate to
100°C, and the LPBF parameters recommended by SLM for 316 L
stainless steel (Table 2).

The baseplate used in this study was full of vertical samples (45
samples, dimension of baseplate: 125 mm = 125 mm) and so, the
building time was approximately 48 h. The chessboard laser scan
strategy with islands containing 20 scan vectors (2.4 mm x 2.4 mm) was
used. A 67" rotation of the pattern was applied between the layers.

2.2. Heat treatments

PMHT were conducted under secondary vacuum on AB samples. The
AB state correspond to the material after manufacturing and before any
heat treatment. The furnace used is a secondary vacuum furnace which
allows to realize heat treatments in a controlled atmosphere. It is
equipped with a cold shelter and a sliding carriage facilitating the
insertion of samples into the high-temperature zone once the desired
temperature is attained, all while maintaining the furnace's vacuum
integrity without necessitating its opening.

Initially, samples were situated within the cold enclosure on the
sliding carriage. Then, a primary vacuum was established to evacuate
most of the air within the entire furnace. It is then filled with argon until
a pressure of 1 atm was reached, followed by the attainment of both
primary and secondary vacuum conditions. This procedure removes
most of the oxygen molecules.

Samples were introduced into the high-temperature region once the
desired temperature was achieved, maintaining a vacuum level below
5.10 ® mbar. The PMHT was conducted for a duration of 2 h at the

Fig. 1. SEM image of powders.

Alloyed elements (in weighted%) of powder compared to EN-10028-7 standard [25]. Fe is the principal element. *O content (resp. N content) has been measured by

chemical dosage at 352 ppm (resp. 105 ppm).

Element Cr Ni Mo Mn Si 0 N P C S
Powder 17.7 13.6 2.7 1.5 <0.1 0.04* 0.01* <0.01 <0.01 0.002
EN-10028-7 16.5-18.5 10.0-13.0 2.0-2.5 <20 <1.0 <0.1 =0.1 <0.045 <0.03 <0.015




Table 2
LPBF process parameters. P is the laser power, v, the laser velocity, ¢ the layer
thickness, h the hatch distance and D the laser spot diameter.

P wimm/ h D Scan Layers
W)y  s) (Apm)  (Apm)  (Apm)  strategy rotation
275 700 50 120 70-75 Chessboard 67

prescribed temperature, after which the furnace was gradually cooled
under vacuum conditions until the ambient temperature in the high-
temperature region was reached. It is noteworthy that all characteriza-
tion samples and tensile specimens underwent identical heat treatment
procedures, displaying no discernible signs of oxidation subsequent to
the heat treatments.

2.3. Characterization methods

2.3.1. Microstructure characterization by optical and scanning electron
microscopy

For microstructural characterization by scanning electron micro-
scopy (SEM) and optical microscopy (OM), samples were polished with
the following sequence of SiC paper: P400, P600, P1200, P2400, P4000;
then polished with 3 pm and 1 pm diamond suspensions and finally with
an OPS solution. To reveal grain boundaries, micro-segregation cells and
intergranular precipitates, samples were etched with aqua regia (HNO3
+ HCI) for 1 min.

A Zeiss Axiovert Alm OM and a Leo 435 VP SEM were used for the
microstructural characterizations. Energy dispersive X-ray spectroscopy
(EDS) analysis and electron backscatter diffraction (EBSD) mapping
were performed with a JEOL 7100F SEM. The step size for EBSD mea-
surement for the AB specimen has been set to 0.5 pm and the step size for
the PMHT specimen at 1200°C to 1.2 pm. EBSD data were cleaned and
analyzed using Atex software [26]. Spikes correction (tolerance angle of
1.0" and minimum 7 neighbours) and zero solution correction (tolerance
angle of 1.0 and minimum 7 neighbours, full correction up to 4
neighbours) have been used to cleaned the raw data.

From EBSD measurements, the average intra-granular disorientation
has been calculated. Based on De Sonis et al. [27] paper, a grain is
considered as recrystallized when its mean intragranular desorientation
(Fmean)is below 1°, Surface fraction of recristallized grains is then:

o
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with S;__ -1- the grain surface for which 84, < 1°, and S, the total
analyzed surface. However, AB grains may show intragranular

desorientations below 1° without being recrystallized. Then, the
recrystallized ratio is defined as:
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avec fA% grain ratio for which 8., < 1" at the AB state. This surface
fraction is calculated around 4% in De Sonis et al. paper [27].

2.3.2. Microstructure characterization by transmission electron microscopy

In order to perform transmission electron microscopy (TEM) obser-
vations, thin foils were cut with a wire saw, then mechanically polished
to a thickness of 50-100 pm. After polishing, 2.2 mm squares were
extracted from the thin foils. These were electro-polished using a solu-
tion containing 95% methanol and 5% perchloric acid in a TENUPOL-5
system under 14 V at —25°C. Analyses were carried out using a JEOL-
2100F TEM operated at 200 kV equipped with an EDS analyser
(Brucker SDD XFlash 5030) and a STEM detector. Diffraction patterns
were recorded using selected area electron diffraction (SAED) mode
with a 150 nm aperture or a digital diffraction pattern obtained by fast
Fourier transform (FFT) of high-resolution TEM (HRTEM) images. All

diffraction patterns were indexed using the diffraction pattern simula-
tion obtained with the CaRlIne Crystallography program [28].
Concerning the measurement of dislocation cell diameter, diameter
measurements were performed in several areas of each sample. Indeed,
since the dislocation cells follow the solidification dendrites, the
observation plane of these cells affects the observable diameter.

2.3.3. Analysis of dislocation densities

X-ray diffraction (XRD) measurements for dislocation density char-
acterization were performed with a D8 Bruker Discover diffractometer
equipped with a copper source. In order to deconvolute the signal due to
instrumental configuration and physical parameters (microstrain and
crystallite size), measurements were performed on an LaBs standard
powder from the national Institute of Standards and technology (NIST).
This LaBs powder is intended to have no microstrains and large crys-
tallite size,

Measurements on 316 L LPBF stainless steel were then carried out
with #-f mounting, with 2@ in the 20-120" range, with 0.05° stepand 8 s
of acquisition per point. The 316 L LPBF stainless steel samples are 2 mm
high and 12 mm diameter cylinders. These were polished on one side
(with normal parallel to building direction (BD)) using the sequence
previously mentioned. Data were analyzed using Topas software to
achieve the Rietveld method [29] and calculate the lattice parameter for
each PMHT temperature. Then the Williamson and Hall method [20],
was followed for microstrain and crystallite size determination. Based
on these measurements, the dislocation densities p were calculated using
the equation proposed by Williamson and Smallman as described in
Mote et al. [31]:

2V3e
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where D corresponds to the crystallite size (nm), ¢ represents the

microstrains (%), and b is the Burgers vectors (nm). b = a//2 for FCC
structure with a the lattice parameter.

2.3.4. Tensile tests

An electromechanical Instron 5900R (100kN) testing system was
used to perform tensile tests. Tensile specimen geometry is given in
ig. 2. Tensile specimens are machined from the cylinders built with the
LPBF process (diameter = 13 mm, height = 96 mm). Heat treatments are
realized after the machining in order to relief probable residual stresses
induced by machining.

Tensile tests were performed along the BD (= vertical). Axial strain
measurements were performed using an AVE2 Axial Instron video
extensometer and tensile tests were carried at a strain rate of 8,3.10°%
51 until 0.5% of total strain, then 1,6.10 % s~ until fracture (according
to NF EN 2002-001 standard). At least three tensile tests were per-
formed for each PMHT.

3. Assumptions regarding microstructural contributor to alloy
strengthening

The main goal of this paper is to correlate microstructural evolutions
to tensile properties. It is focused on the relative contribution of
microstructural features compared to the AB state, Therefore, contri-
butions of the microstructural features which do not evolve through
PMHT are not estimated. The main assumptions for strengthening
contribution evaluation are summarized in the following paragraphs.

3.1. At microscopic scale

3.1.1. Dislocations

Dislocation cells are known to contribute strongly to the hardening
mechanisms of 316 L LPBF steel. In particular, cell walls are obstacles to
dislocation movement [8]. There are two methods for assessing their
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Fig. 2. Tensile specimen geometry.

contribution:

¢ By a Hall-Petch law [22], considering cell walls as grain boundaries
[9,32]. However, this approach has recently been criticized on the
grounds that the cells are weakly disoriented with respect to each
other (< 0.5-1" [34]) whereas the Hall-Petch law assumes strongly
disoriented grain boundaries (>15"). Furthermore, counter-
examples show that equivalent yield strengths can be obtained for
significantly different cell sizes [34].

e By a Taylor law [25], based on the material's dislocation density.
This is the approach adopted in this paper.

The following Taylor's law is therefore used to evaluate the contri-
bution of dislocations to alloy strengthening:

Orayior = M"‘”’\:"’l_’ (4)

with M the Taylor factor (3.06 for fcc structures [26]), « an experimental
constant (0.23, [37]), G the shear modulus (75 GPa, calculated from
tensile test results, assuming isotropic behavior), b the Burger vector
(nm). b is calculated from the experimental lattice parameter a, which is
estimated from X-Ray measurements. b = a/+/2 for fce structures.p is the
dislocation density (m?), estimated from X-Ray measurements.

3.1.2. Micro-segregations

There is no analytical formula for estimating the contribution of
micro-segregations cells independantly of dislocation cells. Moreover,
separating the contribution of both lattices seems very tricky, since in-
teractions between the two lattices are likely to exist [34]. It is therefore
hypothesized that the contribution of the micro-segregation network is
included in that calculated for the dislocation network.

3.1.3. Sigma precipitates

When observed, & precipitates are located at the grain boundaries.
However, as the deformation mechanisms of 316 L LPBF steel are pre-
dominantly intragranular slip, the intergranular sigma phase is unlikely
to be involved in alloy strengthening. Moreover, the size of o phase
precipitates is in the micrometer range, so their contribution to alloy
hardening by bypass mechanisms would be insignificant. The contri-
bution of the & phase to hardening will therefore not be assessed.

3.2. Nanoscopic scale

3.2.1. Nano-oxides

In first assumption, only the average size of precipitates is used to
calculate their contribution to alloy hardening. As nano-oxides are
larger than few nanometers and very probably incoherent with matrix,
Friedel shear mechanism [28] is not considered. On the contrary, Oro-
wan bypass mechanism [38] is most suitable for such precipitates,

therefore Orowan's law is used to calculate the contribution of nano-
oxides to the alloy hardening of 316 L LPBF steel:

III h

Gh
Cdrawan = T with L = R\II E (5)

with G the shear modulus of the matrix, b the Burgers vector, L the
distance between particles, L is calculated assuming an homogeneous
distribution of nano-oxides in the material, with f, corresponding to the
fraction of precipitates and R to their mean radius. This hypothesis of
homogeneous distribution is supported by TEM observations (see
Results).

4. Results and discussion
4.1. As-built microstructure

The AB microstructure has been characterized from the poly-
crystalline scale to the nanoscopic one in order to serve as the reference
state from PMHT microstructures presented later (Fig. 3). No tremen-
dous novelty has been reported compared to the literature dedicated to
the microstructure of 316 L LPRF at the AB state.

4.1.1. Polycrystalline scale: melt pools, phases and grains

Figure 3a show the melt-pools inherent of the LPBF process. Melt
pools contain several grains, however, grains are not restricted to one
meltpool. Fig. 3b illustrates the AB microstructure observed by EBSD. It
consists of elongated (100) austenitic grains along the BD, confirming
the epitaxial growth throughout the layers as observed in Fig. 3a and as
reported in the literature for 316 L LPBF [6,34,39]. It can be noted that
some grains have a tortuous shape, which is caused by the epitaxial
growth through layers combined with rotations of 67° between each
layer. This is a direct consequence of side-branching growth as explained
by Pham et al. [40]. Additionally, grains — especially large ones — show
internal disorientations in the AB state, as shown by colour distribution
in the grains. These are indicators of intragranular strain [41]. The XRD
scans presented in Fig. 3¢ confirms the only presence of the face-centred
cubie (FCC) austenitic phase as expected for this alloy [18,42].

4.1.2. Microscopic scale: micro-segregations and dislocations networks
Within the grains, micro-segregations following a cell pattern were
revealed after etching and SEM observation (Fig. 2d). These micro-
segregations are common in LPBF materials in the AB state [8]. Their
formation is related to high cooling rates and is well described in Kong
et al. [8] or in Dépinoy et al. [34]. For 316 L LPBF, they are enriched in
Mo and Cr as revealed by Dépinoy et al. [42] and Bertsch et al. [44]
thanks to STEM/EDS analysis. Micro-segregation cells are observed
uniformly on all samples, however, because etching is sensitive to grain
orientation, dislocation density, or local chemical composition, it does
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Fig. 3. Multiscale characterization of 316 L LPBF AB microstructure. (a) OM image revealing meltpools after etching, (b) EBSD inverse pole figure map showing
grains. (¢) X-Ray diffractogram revealing the unique austenitic phase. (d) Micro-segregation cells observed in SEM after etching. (e) Dislocation cell network revealed
in TEM. (f) Nano-oxides observed in TEM, they are circled in blue for more visibility. (g) Zoom on one small nano-oxide with a crystalline structure, (For inter-
pretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

not react in the same way everywhere and results in variations in the
visibility of micro-segregations. At the AB state, the average diameter of
micro-segregation cells has been estimated at 0.38 + 0.08 pm.

As expected, TEM observations confirm the presence of dislocations
organized in a 2D-network of cells (Fig. Ze); which correspond to den-
drites in 3D. A relatively high density of dislocations is highlighted on
cell boundaries, whereas cell interiors are almost free of dislocations. It
is now accepted that dislocations are generated by thermal strains due to
expansion/shrinkage after solidification in the LPBF process [34,44,45].
Based on the literature, dislocation dendrites fit with micro-segregation
dendrites [8]. Dislocation cell diameter measurements are in accordance
with this result. Indeed, the average diameter of dislocation cells
observed in TEM has been calculated at 0.42 + 0.04 pm which fits with
the average micro-segregation cell size measured in SEM.

4.1.3. Nanoscopic scale: nano-oxides

At a finer scale, nano-oxides enriched in Mn and Si have been iden-
tified at the AB state (Fig. 3f,g). They show a spherical shape with a
mean diameter calculated at 17 + 2 nm and have a rhodonite crystalline
structure which correlates with the observations of MnSiO; nano-oxides
at the AB state by Yan et al. [19].

Precipitates are randomly distributed with respect to other micro-
structural characteristics, as reported by [46], but contrary to what has
been observed by Voisin et al. [12].

4.2. Heat treatment influences at the polycrystalline scale

4.2.1. Meltpools stability
The laser tracks (or meltpool boundaries) are visible after etching in

OM at the AB state because of chemical heterogeneities between their
center and boundaries [17]. The stability of the laser tracks was studied
in order to obtain information on the activation temperatures of
chemical solid diffusion during PMHTSs. This information will help to
interpret microstructure changes at lower scales.

As Fig. 4 shows, laser tracks are stable for PMHT at 650°C, they are
less defined for PMHT at 800°C but still clearly visible. They disappear
for PMHT between 800°C and 1000°C. These images express a start of
diffusion process on long range scale (250um) from 800°C. These pro-
cesses generate a chemical homogenization at the polycrystalline scale
for PMHT above 800°C. This hypothesis of thermally activated diffusion
mechanisms is also supported by Ronneberg et al. [47].

4.2.2. Grain boundaries stability

Contrary to laser tracks, grains boundaries do not show any evolu-
tion for 2-h PMHTSs from 500 to 1200°C as shown in Fig. 5. Indeed, these
SEM images after etching show grain sizes, morphologies, and ar-
rangements that are comparable between the different images and close
to those of the AB state (see 3b).

Therefore, no recrystallization is observed even after a 2-h PMHT at
1200°C. In order to confirm this observation, EBSD analyses were per-
formed on samples after PMHT at 1200°C (Fig. 5d).

Figure 5d reveals that the orientations of the PMHT material are
close to those of the AB state (majority of grains <100=>//BD). More-
over, internal disorientations remain visible within the grains. Finally,
no twin boundaries can be observed in the sample analyzed. Yet
recrystallization processes are known to suppress the majority of inter-
nal disorientations and are accompanied by twinning for 316 L LPBF
steel [27,48]. The three observations cited above therefore run counter
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Fig. 5. SEM images after etching showing the polycrystalline microstructure for samples PMHT at (a) 650 “C, (b) 800 “C and (c) 1200 “C. (d) EBSD mapping of a
sample PMHT at 1200 “C. In (e), the grains are colored according to their average intragranular disorientation @y, FOr Ggrae < 17, they are blue, otherwise red.
(For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

to a hypothesis supporting recrystallization. blue. The fraction of grains with @,,,< 1° is 3.8%, whereas it was

To quantify this absence of recrystallization, the internal grain measured at 4.3% in the AB condition. Consequently, the real fraction of
disorientation map was plotted in Fig. Se. On this map, grains with an recrystallized grains 7, defined in the methods' section 2, is equal to
average internal disorientation fgyg >1° are colored red, otherwise



zero. Based on these EBSD measurements of internal disorientations, the
absence of recrystallization for the PMHT sample during 2 hat 1200°C is
confirmed,

In the literature, Salman et al. [48] observed the onset of grain
coarsening as early as 1000 “C and complete recrystallization at
1400 °C. Kong et al. [8], showed that grain boundaries are stable up to
and including 1050°C, but that recrystallization occurs for PMHTs at
1200 “C. Tascioglu et al. [49] reported the onset of recrystallization for
PMHTSs at 1100 °C. Finally, De Sonis et al. [27] recently highlighted
significant differences in recrystallization temperature (1100°C vs
1200°C) for two 316 L LPBF stainless steels built with same process
parameters.

Differences in recrystallization temperature therefore exist between
several studies in the literature and our own. Three main hypotheses
could explain these differences:

e To begin, the PMHT method employed in this study distinguishes
itself from the prevailing approaches found in existing literature.
Specifically, in this investigation, samples are introduced into the
preheated region of the furnace once it has reached the prescribed
temperature, and subsequently held for a duration of two hours.
Conversely, conventional practice in many laboratories and indus-
trial settings involves the placement of samples within the furnace
while it remains at ambient temperature. The temperature is then
incrementally raised until it attains the desired level, at which point
the dwell time is initiated. Consequently, this alternate methodology
results in extended exposure of the samples to intermediate and
elevated temperatures. This divergence in approach may elucidate
the absence of recrystallization phenomena observed within our
study following a two-hour PMHT at 1200°C, in contrast to the
prevalent findings in the existing literature.

o Differences in low angle boundaries (LAB) density would explain
discrepancies about recrystallization kinetics. This is the hypothesis
advanced by De Sonis et al. [27] to explain their observations. They
argue that LABs would increase the energy difference between grains
at both sides of a high angle boundary, which would help to nucleate
recrystallized grains by the strain induced boundary migration
mechanism. Then, low LAB parts would have lower recrystallization
kinetics. However, by following the methodology presented in their
paper, the LAB density has been estimated at the AB state for our
alloy at 9,1.10°m/m® which is higher than for their alloy
(3.5.10* m/m®) which recrystallizes at 1200°C. Thus, the LAB den-
sity parameter is not sufficient to explain recrystallization tempera-
ture differences.

o Differences in chemical composition of powders could modify nano-
oxide distributions and then affect recrystallization kinetics. Indeed,
Voisin et al. [13] have compiled the chemical compositions of
various powders and 316 L steel parts obtained in LPBF. They
showed a wide dispersion in composition. For example, the mass
percentage of Cr can vary by >4%, and that of Mn from 0.2 to 2%
between different studies. Such wide variations in chemical
composition inevitably have an impact on microstructural proper-
ties. For example, the number and nature of nano-oxides are affected
by the oxygen content of the steel [50]. These nano-oxides slow
down the movement of grain boundaries through mechanisms such
as Zenner-pinning [19] and could reduce recrystallization kinetic as
supported by [51].

Finally, none of hypothesis is fully convenient, further investigations
would be required. However, this is not in the scope of this paper which
aims more at investigating the impact of multiscale microstructure on
mechanical behavior.

Nevertheless, 316 L LPBF polycrystalline microstructure is more
stable and shows higher recrystallization temperature than conventional
counterparts [13,27,51,52]. This could help at extend the use of 316 L

LPBF alloys at higher temperature than for conventional 316 L.

4.3. Microscale evolution of the microstructure with heat treatment
temperature

4.3.1. Chemical evolution of microstructure with heat treatment
temperature

Figure 6 shows the evolution of micro-segregation cells and associ-
ated precipitates. Micro-segregation cells are present on samples from
the AB state up to PMHT of around 700 “C. In some areas of samples
treated at 750 and 800 °C, traces of cells remain. No cells were observed
in samples treated at 900 “C and above. Thus, a gradual disappearance of
micro-segregation cells takes place over a temperature range from 700
to 850°C. These observations are in good agreement with what is
observed in the literature and reported by Voisin et al. [13].

This disappearance is associated with diffusion processes of the el-
ements making up the cell walls (alphagene elements, mainly Cr, Mo, Si
[5]). It is interesting to note that this temperature range (700-850°C) is
lower than that associated with the disappearance of laser tracks
observed in OM (800-1000°C) in Fig. 4. This is simply due to a scale
factor effect: melt pools have characteristic widths of the order of a
hundred microns, whereas cells have diameters less than one micron, As
a result, chemical homogenization on the meltpools scale requires
higher temperatures (at isoduration of treatment) to enable diffusion
over a greater distance.

The disappearance of micro-segregation cells is immediately fol-
lowed by coarse precipitation on the grain boundaries, as can be seen in
Fig. 6¢ and d. These precipitates are first isolated (at triple grains
boundaries), then as temperature increases, they grow and decorate the
entire grain boundaries. They disappear between 1000°C and 1200°C as
shown by Fig. te. These precipitates have been observed at multiple
locations, on different samples after the same PMHT. Moreover, their
presence has been also confirmed on the same temperature ranges for
specimens built with the meander strategy and used for tensile tests.

The chemical composition of these precipitates was analyzed by EDS
in the SEM, they are enriched in Mo and Cr compared to the austenitic
matrix (Fig. 7 and Table 3). EDS measurements in TEM have also
confirmed these Cr and Mo enrichment. Since they precipitate just after
the disappearance of micro-segregation cells (enriched in Mo and Cr, as
measured by Voisin et al. [13] and Birnbaum et al. [45]), there is a likely
diffusion process of Mo and Cr atoms from micro-segregations to grain
boundaries. Thus, these observations suggest that this particular diffu-
sion phenomenon is thermally activated around 750°C - 800°C.

To confirm its possibility, simple chemical calculations have been
realized by following the methodology presented in Smith's paper [53].
The diffusion distance of chromium in AISI 316 L was estimated at 0.3
pm for volume diffusion and 30 pm for grain boundary diffusion for a
dwell time of 2 h at 800°C (considering a grain boundary thickness of 5
nm). As the mean grain size has been estimated at 20 pm based on EBSD
measurements at the AB state, it can be concluded that diffusion length
values are of the same order of magnitude as the diffusion length needed
for Cr to precipitate at grain boundaries, These simple diffusion calcu-
lations confirm that Cr is able to diffuse along grain boundaries to form
the precipitates.

Calculations are in good agreement with observations as grain
boundaries are preferential precipitation sites (Fig. 6). Moreover, this
hypothesis of heterogeneous nucleation is supported by a preferential
precipitation at triple boundaries where larger precipitates can be
observed in Fig. 6e.

For PMHTs at 1200 °C, intergranular precipitates are no longer
visible at grain boundaries. To confirm observations in SEM, the local
chemical composition was measured by EDS perpendicular to a grain
boundary on a sample PMHT at 1200 “C (Fig. 7d). Fig. 7e reveals that
there is no further enrichment (resp. depletion) in Cr and Mo (resp. Fe
and Ni). All traces of chemical precipitation have disappeared from the
grain boundaries after PMHT at 1200°C.
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Fig. 6. SEM images after etching of samples PMHT at (a) 500 °C, (b) 650 °C, (¢) 800 °C, (d) 1000 °C and (e) 1200 °C.

At these temperatures ([800-1000°C]), the formation of numerous
phases is thermodynamically permissible. In the literature, carbides
[41], the y phase [54] and the ¢ phase [15,17] have already been
observed after PMHTS in the same temperature range.

To determine the nature of the observed precipitates, TEM analyses
were carried out on samples PMHT at 900°C (Fig. 8). First, TEM-EDS
analysis confirmed the high Cr and Mo content in the intergranular
precipitates as analyzed in SEM-EDS. Then, a diffraction pattern of the
precipitate observed in Fig. Sa has been obtained (Fig. 8b). It has been
identified as corresponding to the [132] zone axis of the & phase struc-
ture (P42/mnm, D4h14, #136, 1CSD ID102756) [55]. In conclusion,
both chemical and crystallographic analyses conclude that the inter-
granular precipitates are  phase precipitates.

This identification corresponds well with the disappearance of
intergranular precipitates for PMHT above 1000°C, as observed in Fig. 6.
Indeed, the sigma phase is not stable over this temperature range
[56,57].

Sigma phase commonly precipitates for long exposure times at in-
termediate temperatures (700°C - 900°C; time > 100 h — 1000 h), from
delta-ferrite islands first, then at triple boundaries and grain boundaries
[55]. These preferential precipitation sites are due to the high Cr content
that is needed to form the sigma phase [58]. Indeed, delta-ferrite is rich
in Cr and grain boundaries act as a preferential diffusion path for Cr.
However, no delta-ferrite was found by XRD or EBSD in this alloy in the
AB state or after PMHT. This is in agreement with numerous studies on
AM 316 L stainless steels [15,16,23,59]. The local high Cr content (> 20
wt%), necessary to form sigma-phase, comes from the fading of micro-

segregation cells, which occurs within the same temperature range. Cr
then diffuses along grain boundaries and the sigma phase is able to
precipitate.

According to the literature, the sigma phase has very slow precipi-
tation kinetics and so should not be observed after PMHT for 2 h [55].
However, Parrens et al. [60] showed that these kinetics are accelerated
under cycling ageing. As evidence of this, the content of sigma phase in a
3108 alloy is far higher for cyclic ageing than for isothermal ageing (for
the same exposure time at high temperature). The authors suggested
that this phenomenon is associated with the residual stresses and dis-
locations — due to quenching during thermal cycling - that could become
new nucleation sites for the sigma phase.

A parallel can then be drawn with the LPBF process: successive laser
passes have a cyclic PMHT effect on the solidified material. This gen-
erates high residual stresses [61] and high dislocation density [44].
Thus, o phase precipitation is favored and permitted for PMHT of just 2 h
at constant temperature for 316 L LPBF steel. In the literature, Yin et al.
[62] observed ¢ precipitation in a 316 L LPBF from 30 min of PMHT at
800 “C, Chao et al. [15] after 2 h of treatment at 800°C and Kurzynowski
etal. [17] after 5 h at the same temperature.

Nevertheless, o phase precipitation is rarely observed in the litera-
ture for 316 L LPBF steel. This is explained by the chemical composition
of the powders. Indeed, Hsieh and Wu [58] have shown that increasing
the nitrogen content from 0.03% to 0.14% delays the kinetics of sigma
phase onset by an order of magnitude for a model 18Cr/11Ni/2Mo steel
(close to the composition of 316 L). However, the powders used in our
study have a very low nitrogen content (0.1%, see Table 1) compared
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Fig. 7. SEM observation after etching of intergranular precipitates on a sample PMHT at (a-c) 900°C and (d-¢) at 1200°C. (a) Secondary electron image, (b) Mo
element map based on L, signal and (c¢) Cr element map based on K, signal. (d) shows the measurement line area of EDS profile (yellow arrow) on the sample PMHT
at 1200°C and (e) is a plot of the chemical composition profiles obtained by EDS according to the yellow arrow. (For interpretation of the references to colour in this

figure legend, the reader is referred to the web version of this article.)

Table 3

Chemical compositions of the matrix and precipitates measured by SEM-EDS and
compared with the powder composition given by the powder supplier
(Hoganas).

Cr Mo
Content in powder (from Hoganas, in wrs) 17.7 2.7
Content in austenitic matrix (we%) 16.9 26
Content in precipitate (writ) 246 10.0

with those in the literature. Voisin et al. [13] reported the nitrogen
content of nine powders used in the literature, and found them to be at
least three times higher than the nitrogen content of our powders. In
publications reporting high nitrogen levels, no o phase was observed
after PMHTS, confirming the link between nitrogen content and a phase
precipitation.

4.3.2. Dislocation arrangements and density evolution with heat treatment
temperature

Dislocation structures were studied by bright-field TEM for samples
in the AB state, and after PMHT at 500, 650, 900 and 1200 °C.

The dislocation arrangement in cells was visible up to 900°C but not
anymore at 1200°C. This result is in accordance with the literature,
where the critical temperature at which dislocation cells vanish is
around 800°C - 900°C [13]. However, very wide variations can be noted:
a start of disappearance has been reported as early as 400 “C [59] while
other authors report the existence of cells after PMHT at 1200 “C [19].
This dispersion implies that there is no exact critical temperature, but

rather a range of temperatures over which cells tend to disappear as
supported by Kong et al. [5].

The average dislocation cell size (measured on TEM images) is shown
in Table 4. There is an increase in cell size between the AB state and the
PMHT at 500°C (approx. +40%), which is likely due to the diffusional
annihilation of dislocation along the cell boundaries as supported by
Chao et al. [15]. Cell size then remains constant at 0.57 pm on average
up to 900°C. This constant size correlates well with Chen et al. [59], even
though variations can be reported notably after PMHT. For example,
Salman et al. [48] measured an increase in dislocation cell size from
0.52 pm at the AB temperature to 0.94 pm after PMHT at 600°C. These
measurements must be taken with some care because they were per-
formed by SEM after etching, and so, the cells observed are due to the
micro-segregations and not directly to dislocations. This may explain the
pointed differences. Chen et al. have measured dislocation cell sizes with
TEM bright field images, agreed that there are no major variations in cell
diameter between 400°C and 800°C [59].

Beyond cell size, cell boundaries thickness is also subject to change.
In the AB state and at 500°C, cell boundaries are thick (approx. 100 nm -
200 nm) and full of dislocations (Fig. 9c), whereas they are very fine
(approx. 10 nm - 20 nm) after PMHT above 650°C (Fig. 9d). This
observation confirms the work done by Voisin et al. which support that
PMHTs decrease dislocation density in cell boundaries [12].

TEM bright field images can however be misleading due to the
orientation of crystal lattice and the thickness of TEM lamella can alter
the ability to observe dislocations in bright field. In order to confirm the
TEM observations, dislocation density was calculated thanks to XRD
measurements (Fig. 9g). Fig. 9g presents the evolution of dislocation
density wit PMHT temperature. Methodology is presented in 2 section. It
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Fig. 8. TEM observation of intergranular precipitates on a sample PMHT at 900 “C: (a) Bright-field image of an intergranular precipitate, (¢) diffraction pattern of the

precipitate and (d) identification of the diffraction pattern.

Table 4
Average dislocation cell diameter evolution with PMHTs. Based on TEM bright
ficld observations.

PMHT AB S00C 650C 200C
Dislocation cell diameter 0.42 + 0.60 + 0.55 + 0.57 +
(pm) 0.04 0.02 0.03 0.05

shows an initial stage of stability up to 650°C. Indeed, the slight increase
is more probably related to inaccuracies in the quantification than to the
material evolution. Then, there is a decrease in dislocation density up to
1200°C. These measurements allow the conclusions from TEM obser-
vations to be nuanced. The decrease in dislocation density suggested by
TEM images between 500°C and 650°C is probably not so evident.

Above 650°C, dislocation density declines until 1200°C (-~ 64%).
This is in accordance with TEM suggestions. Therefore, this decline in
dislocation density is very likely related to a static recovery [52].
However, the decrease in dislocation density is relatively low for a static
recovery. It is explained by the calculation method used, which do not
consider differences between edge or screw dislocations. It is only based
on a Pseudo-Voigt model fit with the diffraction peaks in order to
evaluate their Lorentzian (width related to crystallite size) and Gaussian
(width related to micro-strains) contributions. Therefore, recovery effect
is very likely under-estimated.

Nevertheless, the literature confirms the dislocation density calcu-
lated at the AB state from XRD measurements, Bertsch et al. calculated a
comparable dislocation density at the AB state (10" m ) with the
intercept line technique on TEM images [44]. Gorsse et al. have esti-
mated the AB dislocation density to 4.10"* m~? which correspond to the
value determined by XRD in this study [63].

Finally, the coupled analysis between TEM and XRD provides con-
fidence into the results. Comparing TEM and XRD analysis, the following
conclusions regarding dislocations evolution with PMHT can be drawn:

1. Below 600°C, there are no major variations in dislocation density
and arrangements, conserving a high density of dislocations in cell walls.

2. Then, from 600°C to 900°C the cell boundary thickness de-
creases, resulting in a dislocation density drop.

3. Above 900°C, the remaining dislocations slowly vanish and the
dislocation network disappears.

4.3.3. Nano-oxide size and morphology evolution with heat treatment
temperature

TEM analysis were carried out on thin foils extracted from samples in
the AB state and heat treated at 500, 650, 900 and 1200°C. As an
example, an image realized on each sample is available in Fig. 10, In
these images, the nano-oxides have been outlined in blue for better
visibility. The surface fraction occupied by nano-oxides doesn't show
significant variation with PMHT temperature and has been calculated at
1%. Higher magnification images of precipitates are available in Fig. 11.

The average diameter of the nano-oxides was measured on all the
images taken for the different samples and plotted with the PMHT
temperature (Fig. 11¢). While the average size of the precipitates re-
mains relatively contained up to 650°C (+52% compared with the AB
state), it then increases sharply to 115 nm after PMHT at 1200°C
(+570% compared with the AB state).

This sharp increase in size takes place over temperature ranges
where diffusion processes have been demonstrated at higher scales (see
section 4.3). It is therefore highly probable that chemical diffusion takes
place between precipitates, favoring the growth of larger precipitates to
the detriment of smaller ones. This mechanism, similar to Ostwald
ripening [64], can be explained quite simply by considering that the
disappearance of small precipitates in favor of large ones minimizes the
interface surface area and therefore the internal energy of the material.

Similar results exist in the literature [20,23]. In particular, Deng
et al. [20] show a coarsening of nano-oxides for PMHTs above 900 “C
and a decrease in their density. They also attribute this phenomenon to a
Ostwald ripening mechanism.

In the AB state, the nano-oxide particles structure characterization
was not always conclusive due to the small size of these spherical par-
ticles. However, high-resolution TEM images (as seen in | a) show
the presence of a crystal structure, whatever the size of the precipitates.
The crystal structure of these nano-oxides could correspond to the one
identified by Yan et al. [19]), namely a metastable rhodonite-type
structure. The chemical compositions of ten nano-oxide particles were
analyzed by MET-EDS. A quantitative analysis was not possible, How-
ever, the presence of certain elements in the nano-oxides could be
investigated. It was found that small nano-oxides (5 to 15 nm) are made
of the same elements as the large nano-oxides (> 50 nm): mainly Mn, Si
and rarely Cr. According to Yan et al. study [19], they are mainly
MnSiOs rhodonite structure (9/10) and sometimes MnCr,0y4 spinnel
structure (1,/10).

Beyond size evolution, morphology of precipitates also changes with
PMHT temperature. Two different shapes have been reported, spherical
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Fig. 9. Coupled analysis of dislocation structures and density evolution with temperature. (a-f) Bright field images of samples heat treated at (a,c) 500 “C, (b,d)
650 “C, (e) 900 “C and (f) 1200 “C. (g) Dislocation density evolution with PMHT temperature.

and prismatic (Fig. 11). All the precipitates observed are spherical in the structure.
AB state, Then, a gradual prismatization of nano-oxides is thus observed
between the AB and 1200 °C states. This morphological evolution is
linked to a change in crystalline structure as suggested by Yan et al. [19]
from MnSiO; rhodonite type structure to MnCr,O; spinnel type
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Fig. 10, Bright field TEM images showing nano-oxides at the (a) AB, and after PMHT at (b) 500 “C, (¢) 650 “C, (d) 900 “C et (e) 1200 “C,

4.4, Multiscale correlation between heat treated microstructure and
tensile properties

4.4.1. Evolution of tensile properties

This part aims at relying on the evolution of multiscale microstruc-
ture to modifications of tensile properties after PMHTS. Fig. 12 describes
these evolutions.

Yield strength (o,, calculated at 0.2% strain) decreases sharply
(—319%), while maximum strength (s,,) decreases slightly (-6%), elon-
gation at failure (¢,) increases by 33% and uniform elongation (&,) in-
creases by 65% between the AB state and the PMHT at 1200 °C. These
trends reflect a decrease in strength as well as an increase in ductility
with PMHTs.

More specifically, between the AB and 500 “C states, there is a 16%
increase in elongation at break without any significant decrease in me-
chanical strength (a, -4%, a,, +3%). This PMHT corresponds to the best
strength/ductility compromise obtained in this study.

Between the AB and 1200 °C states, yield strength decreases by
=30%, while maximum strength decreases by only 6%. As a result, the
ratio o, /a,, decreases linearly from 0.79 in the AB condition to 0.56 at
1200 °C. High values (>0.7) of this ratio are typical of LPBF materials,
due to the high dislocation densities they contain in the AB state. This
results in relatively low strain-hardening capacities. The decline in this
ratio shows that the strain-hardening rate increases with temperature, as
demonstrated by Voisin et al. [13].

In order to estimate the evolution of strain hardening capabilities,

the parameter n defined by eq. 6, with ¢, the uniform elongation, was
calculated for each tensile test and plotted on Fig. 12¢c.
Gy — O,

(6)

£

Three distinct trends have been identified:

1. Between the AB state and 500 °C, strain-hardening is low. PMHT at
500 °C does not significantly modify strain-hardening capabilities.
This is consistent with the evolution of dislocation cells: no change in
dislocation density (determined by XRD, or observed in cell walls by
TEM) was noted.

. Between 600 and 800°C, strain-hardening capabilities increase
sharply. This corresponds to the disappearance of the dislocation cell
network, and more precisely, to the sharp decrease in dislocation
densities in the cell walls.

. Between 900 and 1200°C, strain-hardening capabilities are constant.
Only a few dislocations remain in the microstructure, and their
disappearance doesn't modify the strain-hardening capacity.

Finally, despite the high dislocation density (particularly in the cell
walls), 316 L LPBF steel has a reasonable strain-hardening capacity in
the AB state. Zhu et al. explains the good work-hardening capacity of
LPBF as-built materials by the hierarchical microstructure providing a
substantial strengthening contribution [65]. The authors explain that
dislocation cells structures play a crucial role in maintaining work-
hardening capacity because they are not traditional dislocation walls
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Fig. 11. Examples of nano-oxides observed by TEM in (a) the AB state (spherical form) and (b) after PMHT at 900°C (prismatic form). (c) shows the average diameter

evolution and (d) the average evelution of precipitate morphology.

[66]. These dislocation cells can trap and store high dislocation density.
The authors finally showed that interactions between slip bands and
these cellular structures result in the formation of a sophisticated
dislocation configuration that ultimately blocks dislocation motion like
conventional high angle grain boundaries (HAGBs) [66].

In contrast, after high-temperature PMHTs, the initial dislocation
density is low. As a result, many dislocations can be generated to
accommodate deformation during the tensile test. This physical mech-
anism then results in higher strain-hardening capacities, enabling
maximum strengths comparable to those in the AB state to be achieved.

4.4.2. Multiscale microstructural contribution

On a macroscopic scale, no significant changes in grain size were
observed. The contribution of grain boundaries (through a Hall-Petch
effect) does not therefore play a part in tensile evolution. On the con-
trary, at micro and nanoscopic scales, significant changes in micro-
structure have been observed. The following paragraphs provide an
assessment of their contributions.

4.4.2.1. On the mechanical strength. Yield strength can be related to

variations in nano-oxide sizes and dislocation densities (Fig. 13a).
Methodology to estimate their contribution is depicted in section 2.

Figure 13a shows that dislocations highly contribute to yield
strength: from 250 MPa at the AB state to 150 MPa after PMHT at
1200°C. On all the PMHT range, it represents 55 to 75% of total yield
strength.

Otherwise, the nano-oxides contribution is lower than dislocations
independently of PMHT: from 150 MPa at the AB state to 25 MPa after
the 1200°C PMHT.

The sum of these two contributions is compared to yield strength
evolution relatively to the AB state (Fig. 13b). A very good agreement is
obtained for PMHTSs below 900 “C. Moreover, the absolute prediction is
also good as the sum of these two contributions represents >80% of the
yield strength for PMHTSs on this temperature range.

Consequently, grain boundary hardening (Hall-Petch effect) or solid
solution hardening account for only 20% (maximum) of the yield
strength for 316 L LPBF alloy at PMHTs below 900 “C. Therefore, it
underlines the necessity to study both micro and nanoscale of the
microstructure to predict mechanical properties, as realized in this

paper.
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At higher temperatures, the agreement between model predictions
and yield strength decreases sharply as shown by Fig. 13b. Given the
great complexity of the hierarchical microstructure, it was obvious that
the models would be too simplistic to correctly predict mechanical
properties over the entire PMHT temperature range. The discrepancies
at high PMHT temperatures can be explained by the following two
assumptions:

e The Taylor and/or Orowan models do not correctly describe the
contribution of dislocations and/or nano-oxides over this tempera-
ture range. Above 800-900°C, the arrangement of dislocations into a
cellular network disappears, and the remaining dislocations become
more disordered. Their contribution to hardening is most likely
modified.

e Re-solution of sigma phase precipitates above 1000°C could increase
solid solution hardening and thus contribute to further alloy hard-
ening. However, this hypothesis cannot be verified at present.

In the literature, above 1000°C, Ronneberg et al. [47] and Voisin
et al. [13] attribute the final yield stress decrease to recrystallization.
However, no recrystallization was observed in our case (section 4.2.2),
and the Taylor and Orowan models predict a sharp decrease in yield
strength between 1000 and 1200 °C. Therefore, our paper sheds new
light on this hypothesis and further highlights two phenomena to
explain the significant loss of yield strength between 1000 and 1200°C:
the total disappearance of process-induced dislocations and the coars-
ening of nano-oxides.

4.4.2.2. On the failure elongation. Elongation at break increases rather
linearly between the AB and 1200 °C states. However, intergranular
precipitation of sigma phase was observed between 800 and 1000 °C.
This phase, when located at grain boundaries, is known to have an
embrittling effect on conventional stainless steels [58]. However, no
reduction in elongation at break was observed in our study.

In the literature, Chao et al. [15] also observed ¢ phase precipitation
for PMHTs at 800°C on a 316 L LPBF steel. This precipitation, although
low (0.11% by volume), is associated with a sharp decrease in failure
elongation. Therefore, in their case, 316 L 1.PRF steel does not appear to
be less susceptible to sigma-phase embrittlement than its forged
counterpart.

However, these observations do not match the behavior reported in
Fig. 12a and b for our alloy. The size and positions of the sigma phases
appear to be comparable between our study and that of Chao et al. [15].
In our case, the rate of sigma phase has not been precisely quantified, but
it is <2% since this phase has not been detected by XRD.

In conclusion, contrary to most literature, ig. 12 shows that the o

phase, even intergranular, is not necessarily detrimental to the failure
elongation of 316 L LPBF steel.

5. Conclusions

An in-depth study of the effects of PMHTs on multiscale micro-
structure of 316 L LPBF steel was carried out. This led to the following
conclusions, summarized by the Fig. 14:

1. At the polycrystalline scale

e Grain boundaries are stable up to 1200°C. No recrystallization has
been observed contrary of most of the studies in the terature.

e Melt-pools boundaries disappear between 800 and 1000 °C. Their
disappearance is linked to chemical diffusion processes at lower
scales.

2. At the microscopic scale

Micro-segregations disappear around 750°C. Then, Cr/Mo diffuse at
grain boundaries to precipitate into o phase in <2 h, due to low ni-
trogen content. & phase then dissolves up to 1000°C. This paper helps
at explaining the absence of # phase precipitation for most literature
studies compared to this one.

o Dislocation cells grow between 500 and 650 “C. Then, from 600 “C,
the density of dislocations in the cell walls decreases. There is no
exact temperature at which the cellular network of dislocations
disappears, but rather a sharp decrease in its intensity between 600
and 900°C.

3. At the nanoscopic scale

o The size of nano-oxides increases significantly with PMHT temper-
ature, especially from 900°C to 1200°C. On the entire temperature
range, they show a gradual modification of their crystalline structure
(resp. morphology) rhodonite (resp. spherical) to spinnel (resp.
prismatic).

Contributions to alloy strengthening on all the PMHT temperature
range |0-1200°C] have been estimated for microscopic and nanoscopic
scales. The following main conclusions can be drawn:

o Dislocations networks and nano-oxides are mainly responsible for
the high tensile properties of 316 L LPBF steel at the AB state and
after PMHT below 900°C. The contribution of nano-oxides to yield
strength highly decreases at high temperatures.
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Fig. 14. Multiscale microstructure evolution with PMHT temperature.



e Orowan/Taylor models can predict with a good agreement yield
strength on the [0-800°C] temperature range. However, they are Loo
simplistic to take into account for multiscale microstructure evolu-

tions above 900°C.

¢ The o phase does not necessarily have a detrimental effect on failure
elongation for 316 L LPBF steel, contrary to what is usually reported
in the literature.
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